
J O U R N A L  O F  M A T E R I A L S  S C I E N C E  17 ( 1 9 8 2 )  2 7 7 1  - 2 7 8 0  

The investigation of metastable  -hcp 
phase in the Ag-rich f cc region of 
Ag-ln alloys rapidly quenched from 
the melt 
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Institute of Physics of the University, Zagreb, P.O. Box 304, 41001Zagreb, 
Yugoslavia 

Stacking faults, which were detected in the Ag- ln  system, have been examined by 
transmission electron microscopy and electron diffraction. An enhanced concentration 
of stacking faults in splat cooled specimens as well as the formation of a metastable 
hexagonal phase in the fcc  region of the alloy was observed. As far as we know this 
is the first case of the terminal solid solubility being reduced by rapid quenching. 
Terminal solid solubility is reduced because of the high concentration of structural 
defects introduced by quenching, e.g. dislocations and stacking faults, which serve as 
the nuclei for the transformation from the f c c to the h c p structure. Our measurements 
and calculations show that the stacking fault energy minimum is shifted to lower electron 
concentrations with respect to the stacking fault energy minimum corresponding to the 
equilibrium phase boundary for the fc c-h c p transformation. The new metastable phase 
boundary for this transformation was confirmed by X-ray examinations. We explain this 
"earlier" h c p phase appearance in rapid quenched specimens as the consequence of 
enhanced interaction of the Fermi surface and contracted Brillouin zone. The Brillouin 
zone contraction we attributed to quenched-in vacancies. 

1. Introduction 
In recent investigations a number of metastable 
solid solutions, crystalline and amorphous inter- 
mediate phases have been produced by quenching 
alloys from the liquid state. The majority of these 
papers deal with the terminal solubility being 
extended by rapid quenching. For example the 
shift of the equilibrium phase boundary in the 
f c c - h c p  phase transformation as the result of 
rapid quenching was considered to be a conse- 
quence of the competition between nucleation 
and growth processes during solidification [1]. 
In the meantime only a few authors payed atten- 
tion to the presence of stacking faults (SF) in 
splat cooled specimens as well as to the variation 
of stacking fault energy (SFE) with respect to the 
equilibrium specimens [2, 3]. 

Here we shall try to explain the experimental 
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data we found in Ag-In alloys rapidly quenched 
from the melt via stacking fault geometry and 
energy considerations. 

1.1. ~-phases occurring in the alloys of 
the noble metals with B sub-group 
elements 

These phases have been included in the group 
of intermediate phases classified as electron 
compounds. One of these is the ~'-phase in the 
Ag-In system investigated here. 

A theoretical explanation for the phase 
boundary position of the primary substitutional 
solid solution, which is found to be in the region 
from 1.36 to 1.40 electrons per atom (Ca) , and 
for the formation of h c p phases, was given by the 
electron theory of Jones [4-6] which was critically 
reviewed and modified in the works of Massalski 
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and King [7-10]. Generally, a f c c  structure will 
change to h c p when the inscribed Fermi sphere 
(FS) makes contact with the Brillouin zone (BZ) 
for the fc  c lattice (cubic octahedron). If we wish 
to add more electrons by alloying with a poly- 
valent component, additional energy is needed once 
the filled states have reached the zone boundary. 
The additional electrons can be accommodated 
only in higher energy states in the next BZ or near 
the necks of the lower BZ. Thus, it is energetically 
favourable that the fc c structure changes to one 
in which the BZ can contain a larger Fermi surface 
before touching, and that is the h c p  structure. 
Once the h cp structure has formed and more 
electrons are added by increasing the concen- 
tration of polyvalent component, the FS gradually 
approaches and touches the {1 0.0} zone faces, 
which are nearest to the origin in "k"-space 
[4, 11], causing these faces to move towards the 
origin. That means the increase of"a"-spacing (Aa) 
in the h c p phase. A compensating effect is the 
simultaneous contraction of "c"spacing, and the 
remit is the fall in the c/a ratio as the electron 
concentration increases. By measuring "'a" and 
"c" lattice spacings as a function of electron con- 
centration in Ag-based alloys with B sub-group 
elements it was confirmed [9] that the BZ starts 
to deform in the narrow region of electron concen- 
tration between 1.39 and 1.40e a. Namely, all 
distortion curves (defined as Aa/(a- Aa) [9] and 
being the function of ea) approach to zero at e~ 
equal to 1.39-1.40 [9]. For the Ag-In system 
Zka/(a--Aa) is zero at ea equal to 1.40 [9], so 
the f-phase can appear when ea is greater than 
1.40. Consequently, the energetical conditions 
(interaction of the FS and the BZ) for the forma- 
tion of the equilibrium ~'-phase in the Ag-In 
system before e a reaches 1.40 are unfavourable, 
this phase is most stable when e a is equal to 1.50 
(stable electron compound). It is necessary to 
emphasize that this theory presumes that both the 
fc  c and h c p phases are not defect structures and 
that all lattice sites are occupied in each unit cell. 

1.2. Stacking faults and stacking fault  
energy as an indication of the 
f c c - h  c p transformation 

Here we would like to emphasize the importance 
of the introduction of structural defects in the 
alloy by rapid quenching, particularly stacking 
faults (SF) and, as far as we can conclude, the 
essential role of the stacking fault energy (SFE) 

2772 

in the f c c - h  c p transformation. 
The SF is the defect which makes possible the 

transformation from one structure to the other, 
for example from f c c  to h c p  and vice versa. An 
intrinsic SF can be formed by motion of a single 
Shockley partial dislocation in a close packed 
plane. The motion of such dislocations in every 
second plane produces bulk h c p crystal. In this 
way an intrinsic SF can be regarded as the h cp 
embryo two crystal planes thick. Similarly, an 
extrinsic fault  can be produced by motion of 
Shockley partials in two consecutive close packed 
planes. The motion of such dislocations on every 
close packed plane can produce an f c c  twin. In 
this way the extrinsic fault can be regarded as the 
fc c twin embryo containing two planes in thick- 
ness. Olson and Cohen [12] in their concept of 
f c c - h c p  transformation accepted the following 
rule: "If the motion of one dislocation per x planes 
produces a new structure thenM such dislocations 
of proper spacing produce an embryo of that 
structure with thickness equal to Mx planes". 
From this point of view bulk phase with h c p (or 
fc c) structure can be regarded as a pile of neigh- 
bouring stacking faults in the fc  c (or h c p) matrix. 
So, if the energetic conditions for heavy faulting 
are fulfilled, h c p  domains could be formed or 
close packed structures with regular long period 
stacking sequence could occur in the fc  c matrix. 

Since we can regard the SFE, 7, in the first 
approximation as the difference in the free energy 
between f cc  and h c p  phase, 7=GhCP--G fee 
(for the fc c matrix 3' > 0), every increase of free 
energy of matrix (here G fcc) leads to decrease 
of SFE. Consequently lower SFE results in an 
enhanced concentration of stacking faults. By 
introduction of stacking faults appears the possi- 
bility for the formation of the h c p structure in 
the f c c  region of the alloy. Such a hypothesis 
could be connected with experimentally well 
established facts [13-15] that the SFE of Ag- 
based alloys decreases on alloying with a poly- 
valent component (increasing of ea) through fc c 
region and is zero or has a minimal value for ea 
which corresponds to the equilibrium phase 
boundary [14, 15]. (It was predicted by the 
theoretical models [16-18] that this minimum 
of SFE exists in noble metal-based alloys and 
explained as the result of free electron contri- 
bution to the SFE.) 

If we now pay attention to the behaviour of 
SFE as a function of temperature, for the elements 



or their alloys which crystallize in f cc and/or 
h cp structures, we encounter similar behaviour 
[13-15] of the SFE to that of e a. That is, in the 
h c p region the SFE decreases when the tempera- 
ture increases towards the critical value at which 
transformation occurs and then it increases with 
temperature in the fc  c region. In the works of 
Ericsson [13] and Gallagher [14] it was shown that 
SFE is not zero at the temperature of the transfor- 
mation but has a certain minimal value (see also 
the model of Hirth [19]). 

From the above considerations we can conclude 
that the SFE is an indication of phase stability. 
We can expect that the phase transformation 
fc c ~ h c p always occurs for certain ca, when the 
narrow region of temperature for which the SFE 
has a minimal value is encountered. Moreover, we 
can expect this transformation to occur at some 
temperature, for a definite e a for which the SFE 
is minimal. On this basis various mechanisms 
[ 12, 20, 21 ] of f c c ~- h c p transformation via 
stacking faults were proposed. 

1.3. The measurement of stacking fault 
energy 

The determination of SFE by electron microscopy 
methods is derived from the dislocation interac- 
tions. These methods are due to the phenomena 
which show the existence of planar faults on 
electron micrographs (nodes, ribbons, multiple 
ribbons, stacking fault tetrahedra, faulted dislo- 
cation dipoles, dislocation loops and twins). For 
each Of those phenomena a set oftheory and respec- 
tive methods [22] exist, by means of which SFE 
can be estimated. Generally, for each method of 
direct observation of dislocation configurations it 
is important to obtain: 

(a) random representative sets of defects for 
measurement, and 

(b) a careful insight into the state of material in 
respect to the local stresses, inhomogeneities of the 
composition, thermal and mechanical history, etc. 

SFE in the Ag-In system is relatively low 
(from 21 mJ m -2 to 5 mJ m -2 for e a from 1.00 to 
1.23 [23]). Nevertheless, an estimation of this 
energy by means of the extended dislocation 
method [22, 23] can be made. The appropriate 
equation [22, 23] is: 

G'b~2--v (1 2 a) 
-- - -  cos 2 (1) 

d =  8zr7 1 v 1 - -v  

where G and v are the constants for given material 

(shear modulus and Poisson ratio respectively), 
bp is Burgers vector (BV) modulus of partial dis- 
location and d is the extension of the node arms 
at large distances from node (partial dislocations 
separation). This equation gives the dependence 
of SFE, 7, as the function of the ribbon width, d, 
characteristic angle, a (angle between BV and the 
dislocation), bp, G, and v. Detailed solutions of 
most of the problems which occur in determi- 
nation of SFE by means of the extended dis- 
location method can be found in the works of 
Gallagher [14], Ruff [22], Gallagher and Washburn 
[23] and Siems [24]. 

2. Experimental procedure 
Seven Ag-In alloys, Ag- l l . 10 ,  13.60, 18.40, 
22.00, 23.19, 29.15 and 29.70 at% In were pre- 
pared from spectroscopically standardized mate- 
rials. (For details of the preparation see the work 
of Raynor and Massalski [25] .) The chosen region 
of the Ag-In phase diagram included the a-fc c 
phase, a + ~" phase and ~'-h c p phase. After casting, 
all ingots were homogenized. The alloy compo- 
sitions are believed to be withi/a + 0.2 at % on the 
basis of negligible weight losses during preparation 
and the reproducibility of the lattice spacing 
measurements. The concentration homogeneity of 
ingots was confirmed with the Enraf Guinier-de 
Wolf focusing camera. The identification of 
phases was carried out by X-ray and electron 
diffraction methods. 

As we wanted to compare the results of investi- 
gations of equilibrium and splat cooled alloys we 
had to prepare samples for electron microscopy 
as follows. The as-obtained Ag-In alloys were 
thinned by the jet-electropolishing method. The 
electrolyte contained 70vo1% ethanol, 20vo1% 
HC104 and 10vo1% glycerine. The thinning was 
carried out at -- 20 ~ C (253 K). The same Ag-In 
alloys were rapidly quenched by our splat cooling 
apparatus [26]. The temperature of the molten 
alloys immediately before quenching was main- 
tained at about 100K above the liquidus. Rapidly 
quenched foils (splats) were obtained by shock- 
atomizing of about 50rag of Ag-In alloy onto 
a copper substrate held at 90K. Large areas of 
flakes were thin enough for transmission electron 
microscopy without further preparation. 

In the electron microscope (EM) investigation 
we used a Philips EM 300 G electron microscope 
equipped with a goniometer stage and a rotation 
holder. To determine the nature of stacking faults 
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Figure 1 Transmission electron micrographs of an Ag-In  alloy rapidly quenched from the melt showing (a) the upper 
partial dislocations out of contrast, the operating reflection is (1 1 1) and A indicates the grain boundary, and (b) the 
lower partial dislocations out of contrast, the operating reflection is (1 T 1) and A again indicates the grain boundary. 

we analysed images obtained in the bright and 
dark fields. This enabled us to distinguish intrinsic 
and extrinsic stacking faults [27]. The separation 
of partial dislocations (ribbon width) was measured 
on enlarged photographs. Corrections for partial 
dislocation separation were made from the pre- 
viously determined angle between the fault plane 
and the crystal orientation. The characteristic 
angle, a, between b and the dislocation line was 
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Figure 2 Present lattice spacing measurements of equili- 
brium Ag-In alloy samples in the f c c  region in com- 
parison to the results of other authors, m-Wiebke and 
Eggers [30], Z~-Hume-Rothery et al. [32], o-Owen and 
Roberts [31], X-Adler and Wagner [33], --Straumanis 
and Riad [29] and +-present work. 

determined as follows. The sense of bp (b~ g-In= 
1.67 x 10 -10 m) could be found with the diffraction 
vectors gl and g2 for which the partial dislocation 
is out of contrast. This happens when bp" gl 0 
and bp- g2 = 0, that is, bp is perpendicular to gl 
and g2. When this procedure is made for both 
partial dislocations it is possible to determine the 
characteristic angle, a, from the sense and magni- 
tude of bpl and bp2. In Fig. la and b the upper 
and lower partial dislocations respectively are 
invisible. Here the dislocations are parallel with 
the foil plane (but the fault plane is not). Bend 
contours due to (1 11) and (1 T 1) diffractions are 
seen passing across the partials. 

If all operations have been made with care 3' is 
believed to be within-+ 5% [22]. One must bear in 
mind that the measured SFE is in fact an apparent 
SFE because of the influence of other defects and 
surfaces of the specimen. So, it is important to 
study these ribbons which are as far away from 
other defects and the specimen surface as possible. 
This makes additional difficulties in determination 
of SFE in thin rapidly quenched specimens. 

3. Results 
3.1.  X - ray  e x a m i n a t i o n s  
An analysis of X-ray diffraction lines was made 
to compare equilibrium and splat cooled samples. 
A very good agreement with the equilibrium 
phase diagram [28] and the measurements of 
other authors [29-31] was achieved in the fcc  
region (Fig. 2). In this figure the results for rapidly 
quenched specimens arq of Ag- 13.60 at% In (e a = 
1.27) and Ag-18.40at% In (ea = 1.37) are not 
marked but we report them explicitly: arq(ea = 
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Figure 3 Plot of distortion parameter, zXa/(a -- Aa), 
against electron concentration (e a) showing results for 
equilibrium samples (a), King and Massalski [9] and 
rapidly quenched samples (o), present work. 

1.27) = 0.41300 nm and a~q (e, = 1.37) = 0.41460 
nm. Corresponding equilibrium values, which may 
be found in Fig. 2, are: aeq(ea = 1.27) = 0.41290 
nm and aeq(e a = 1.37) = 0.41445 nm. This 
shows that the lattice parameters in rapidly 
quenched specimens are somewhat greater than 
the equilibrium values, and the distortion para- 
meter [9], zXa/(a--z2~a), can be calculated: For 
e a = 1.27 Aa/(a - -2xa)= 0.24 x 10 -3 and forea = 
1.37 A a / ( a - - A a ) = 0 . 3 6 x 1 0  -3 (Fig. 3). As a 
consequence of the lattice distortions (Fig. 3) the 
hexagonal stacking of atoms is favoured. (Positive 
Aa means the contraction of the BZ and, from the 
standpoint of the BZ-FS interaction, this is 
equivalent to an e a increase.) So, by rapid quench- 
ing of Ag-18.40at% In, which is in equilibrium 
with pure fc  c phase, we obtained X-ray patterns 
on which diffraction lines of the h c p phase were 
also present. Quenched samples were then sub- 
mitted to thermal treatment in evacuated tubes of 
fused quartz. X-ray patterns of annealed samples 
showed no diffraction lines of the h c p phase. The 
existence of the metastable h cp  phase in the 
Ag-18.4Oat% In alloy, here obtained by rapid 
quenching, was so confirmed. 

Furthermore, by rapid quenching of the Ag-  
22.00 at% In alloy (two-phase region) we obtained 
the X-ray patterns which showed the reversal of 
intensities of diffraction lines belonging to the 
f c c  and h c p  phases in respect of the line inten- 
sities of equilibrium samples. That is, the relative 
amount of h cp phase present in splat cooled 
samples was enhanced with respect to the f c c  
phase. The increase of the amount of h c p phase 
present in splat cooled samples was about 50% in 

relation to its equilibrium content. After annealing, 
X-ray diffraction patterns were the same as the one 
obtained from the equilibrium samples, the surplus 
of the h c p phase transformed to the f c c structure. 

A similar effect was also obtained by rapid 
quenching of  the Ag-23.20at% In alloy (two- 
phase region). All these results show that h c p 
stacking is preferred to the fc  c stacking sequence 
in splat cooled samples in comparison with the 
equilibrium. It means that the shift of the fc  c -  
h c p phase boundary towards smaller e,  values 
was caused by rapid quenching. That is, a new 
metastable hexagonal phase in the Ag-In system 
was obtained by rapid quenching from the melt, 
with lower electron concentration than the equi- 
librium ~'-phase. 

For a comparison with non-equilibrium samples, 
the control group of equilibrium Ag-In alloys was 
investigated. In our measurements of the position 
of the equilibrium boundary for the solid solubility 
of indium in silver an agreement was obtained with 
the work of Straumanis and Riad [29] who found 
that the equilibrium solubility is 20.4wt% In in 
contrast to the previous 19.2 wt% In [30]. We also 
identified diffraction lines on X-ray patterns of 
equilibrium Ag-29.15 at% In and Ag-29.70 at% 
In and confirmed that these alloys are of the close 
packed hexagonal structure, that is the f (Ag3In) 
phase of Cd3Mg type, the same as stated in the 
work of Uemura and Satow [34]. The f-phase with 
25 at% In, above 300 ~ C, has lattice spacings of 
a = 0.2954 nm and c = 0.4804 nm, so the ratio 
c/a = 1.626 [28], and transforms at 214 ~ C to the 
f '  ordered structure [34]. We checked this order-  
disorder transformation by the technique of differ- 
ential thermal analysis and obtained the second 
order phase transformation at 200~ without a 
change of crystal structure (i.e. the same c/a). In 
two-phase equilibrium alloys, Ag-  22.00at% In 
and Ag-23.19at% In, the relative amounts of 
phases present were in good agreement with those 
of Massalski and King [9]. 

3,2. EM examinations 
Here we report an EM study of the stacking faults 
in Ag-In alloys rapidly quenched from the melt 
and the measurement of the stacking fault energy 
using the technique of direct observation of dislo- 
cation configurations. 

Our examinations of structure defects by TEM 
have shown that in splat cooled specimens of 
Ag-In almost all phenomena connected to stacking 
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Figure 4 Transmission electron micrograph of the Ag- 
18.4 at% In alloy rapidly quenched from the melt show- 
ing A the dislocation node and B the partially developed 
stacking fault. 

faults can be found: we observed ribbons, double 
ribbons, twins but rarely nodes. The nodes were 
in the most cases very distorted and thus un- 
favourable for SFE measurements. On a typical 
transmission electron micrograph (Fig. 4) of 
Ag-18.40 at% In one isolated extended dislocation 
node (A) and the stacking fault (B) can be seen. 
In rapidly quenched specimens of the Ag-  
18.40at% In alloy a lamellar structure was also 
frequently detected (Fig. 5). The width of these 
twin lamellae is on average about a few tens of 
nanometers. The EM examinations showed that 
the concentration of SF in splat cooled specimens 
(Fig. 6a) is much greater than in the same alloy in 

equilibrium (Fig. 6b), and it is greatest in the 
vicinity of  the fc  c - h  c p phase boundary. 

Measurements and calculation of SFE were per- 
formed using the EM methods and the equation 
briefly discussed in the Introduction. The ribbon 
method we applied provides, at present, the most 
accurate results in the low SFE range. Material 
constants G and v for a given ea were taken from 
recent works [23, 35]. We paid special attention to 
the quenched alloys near the phase boundary, so 
the SFE was measured for e a equal to 1.22, 1.27, 
1.37 and 1.44. We found that the characteristic 
angle, a, was close to 30 ~ in all alloys, which seems 
to be the most usual value [36, 37]. The average 
values of the SFE (q), calculated from ribbon 
widths for four different e a are presented in Table I 
and Fig. 7. The uncertainty, AT, caused by un- 
certainties in the measurement of ribbon widths, 
was up to 0.3 m J m  -2. In Fig. 7 the metastable 
boundary is marked with respect to the equilibrium. 
It can be seen that the minimum value of SFE in 
the splat cooled specimens determines the new 
(metastable) phase boundary, just as the minimum 
of SFE in the equilibrium samples always corre- 
sponds to the equilibrium phase boundary. 

4. Discussion and conclusions 
It is not possible to explain the appearance of the 
f-hexagonal metastable phase at e a less than 1.4 
assuming the equilibrium theory of Jones and 
Massalski [4-11].  However, if we keep in mind 
that the theory proposes the fc  c and h c p phases 
as being structures without defects, we are looking 
for the reasons for formation of hexagonal domains 

Figure 5 Ag-18.4 at% In alloy rapidly quenched from the melt showing (a) narrow twin lamellas and (b) the corre- 
sponding diffraction pattern. Crystallographic relations of the twin lamellas A and B were determined by the diffraction 
pattern, as indicated in (a) and (b). 
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Figure 6 Stacking faults in (a) rapidly quenched Ag-13.6at% In alloy and (b) equilibrium Ag-13.6 at% in alloy. 

in the f c c region in changed energefical conditions 
introduced by rapid quenching. 

For this purpose we suggest that the transfor- 
mation from fc c to h c p structure takes place via a 
stacking fault mechanism for the following reasons: 

(a) An enhanced concentration of SF in all 
splat cooled specimens was achieved by rapid 
quenching (frozen-in defects, Fig. 6a). 

(b) It was found that the SFE in splat cooled 
specimens is lower than in equilibrium (Table I, 
Fig. 7). 

(c) By measuring the SFE in splat cooled speci- 
mens the mininmm value was obtained for lower 
e a than found by other authors (Fig. 7). This 
minimum corresponds to the new (metastable) 
phase boundary (Fig. 7), which was confirmed by 
our X-ray measurements. 

(d) A positive change, Aa, of  the lattice spacing 
(Fig. 3) means contraction of the Brillouin zone 
and, consequently, earlier overlap of the Fermi 
surface. This promotes h c p stacking. 

Previous experimental and theoretical results 
have shown that the minimum of SFE corresponds 
to that e a at which the transformation from f c c  
to h c p  occurs (Fig. 3)~ Now, the new minimum 
determines the metastable phase boundary in splat 
cooled specimens (Fig. 7). The geometrical con- 
ditions for this transformation are fulfilled in our 

TABLE 1 

e a Number of Number of ~7 -+ z~3, 
measurements specimens (mJ m -~) (mJ m -2) 

1.22 75 5 4.95 0.25 
1.27 60 5 4.80 0.22 
1.37 39 5 3.70 0.10 
1.44 43 5 6.23 0.23 

system (Figs 1, 5 and 6), as well as the energetical 
conditions (low SFE, Fig. 7). All this is the effect 
of  rapid quenching, as confirmed by the disappear- 
ance of the metastable hexagonal phase upon 
annealing. 

On the basis of our results we do not insist 
here on the specific kind of transformation from 
fc  c to h cp  via stacking faults, but let us mention 
that it has already been shown for rapidly quenched 
Ag-Ge alloy [38] that the h c p phase was formed 
as a result of profuse faulting of the highly super- 
saturated fc  c solid solution of Ge in Ag. It  was 
also suggested [38] that the reverse transformation, 
that is, the h c p decomposition, is also induced 
by incidence and growth of f c c stacking faults 
within the crystals of the metastable h c p phase. 
Furrer etaL [3] proposed that the metastable 
hexagonal phase achieved by rapid quenching of 
the Ag-Ge system was formed via stacking faults, 
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Figure 7 Results of SFE measurements on equilibrium 
samples of Ag-In alloys (Gallagher [14], for e a up to 
1.23) and splat cooled samples (present work, for e a 
near the fc c-h c p transition). 
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(his conclusions were based only on EM exami- 
nations, and no SFE measurements). 

These considerations could be understood if we 
keep in mind that stacking faults could be regarded 
as embryos of the new phase and the macrostruc- 
ture of that phase as a stacking of intrinsic faults 
on every second plane. It means that the forma- 
tion of a regular close packed structure (e.g. h c p), 
which present regularly piled-up stacking faults in 
the matrix of the other close packed structure (e.g. 
f cc )  is possible. Similar long period structures 
were obtained by martensitic transformation 
which was caused by rapid quenching [3]. 

Let us emphasize that the effect of rapid 
quenching in our case was the same as alloying 
with polyvalent components (i.e. an increase of Ca). 
The decrease of SFE and consequent enhance- 
ment of SF concentration caused an unstable 
relation between the stacking faults and the matrix 
for a given Ca, and the formation of hexagonal 
domains was thus possible. 

The lattice spacing measurements and the plot 
of the distortion curve Aa/(a- Aa) as a function 
of e a (Fig. 3) show that "a"-spacing is expanded in 
the rapidly quenched samples. This would imply 
that a certain amount of distortion had remained 
after quenching, so the disappearance of the 
Aa/(a- Aa) curve is moved towards lower e a 
(Fig. 3). For this reason there is a possibility for 
formation of ~'-phase at e a equal to 1.37, that is, 
less than 1.40 Ca, the equilibrium ~-phase boundary. 

To clarify the above statements we must recall 
that an excess of vacancies is introduced by rapid 
quenching from the melt, as well as a high concen- 
tration of dislocations, stacking faults and twins. 
Some vacancies condense to form dislocation loops 
(with h cp stacking of atoms) and serve as the 
embryos for the formation of stacking faults as 
well as the extended dislocation does. The driving 
force for SF growth, the formation of the long 
period SF sequences and consequently the h c p 
~'-phase appearance, is generated by the distortion 
Aa/(a- ~a). Positive change of the lattice para- 
meter (Fig. 3), i.e. a contraction of the Brillouin 
zone, is due to quenched-in vacancies. This change 
can be estimated as follows. Deplant6 and Blandin 
[39] have calculated changes of the lattice para- 
meter induced by foreign atoms of valency 
different to that of matrix. So, if we assume a 
vacancy as being an "impurity" of zero charge, we 
can estimate the lattice parameter change of pure 
Ag and Ag-ln alloys due to quenched-in vacancies. 
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The results of the calculations are (Aa/aCv)Ag = 
0.023 and (Aa/aCv)Ag_in=O.043, 0.041 and 
0.040 for e a = 1.27, 1.37 and 1.40 respectively, 
where cv is the concentration of quenched-in 
vacancies. These results show that (a)the change 
of the lattice parameter, due to quenched-in 
vacancies, of Ag and Ag-In alloys is positive, and 
(b) the ea ratio, ranging from 1.27 to 1.40 in 
present calculations, poorly influences this change. 
(Since Cv is unknown, we cannot compare quan- 
titatively the results obtained by FDB calculations 
[39] to the experimental data in Fig. 3.) 

We see that there are two processes in parallel, 
extension of the Fermi surface due to alloying Of 
monovalent Ag with trivalent In and the contrac- 
tion of the Brillouin zone due to quenched-in 
vacancies. Both of these events promote the fc c 
to h c p transformation in quenched Ag-In alloys 
by lowering the free electron energy via Fermi 
surface-Brillouin zone interaction. This happens 
at lower e a than the equilibrium 1.4 value, that is 
an "earlier" overlap of the Brillouin zone by the 
Fermi surface occurs in the metastable rapidly 
quenched Ag-In alloys. 
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Appendix: (Aa/aCv)Ag-ln calculations 
using the oscillating potential method 
[39-41] 

(Aa)~c = lS~2rrkFXnZe2" asin(2kFr'~162 2 

where (~a/ac) is the relative change of the lattice 
parameter due to the quenched-in impurities of 
concentration c; • is the compressibility of the 
matrix; n the number of closest neighbours; Z 
the valency of the matrix; e the charge of the 
electron; f2 the crystal volume per atom; kF the 
Fermi electron wave vector; r~ the distance host 
atom-impurity; c~ and r are given by [39]: 

a sin r = 2 ~ ( - -  1)t(2l + l) sin2rh(kF) 
1 

Ol cos r = 2 ~ (-- 1)I(2/+ 1) sin rh(kF) 
l 

X cos ~h(kF) 



where rh(kF)  , the  phase shifts o f  the  l t h  symmet ry ,  

are de te rmined  by the Fr iedel ' s  sum rule [42]: 

2 ~ ( 2 l +  1)rt, = A Z - Z ' - - Z  
/r  l 

( Z '  is the valency o f  the impur i ty) ,  relating the 

differences in charge be tween  hos t  a tom and 

impur i ty  to  the  phase shifts r h o f  the conduct ing  

electrons,  p roduced  by  the  per turbing po ten t ia l  at 

the Fermi  level. This rule ensures a comple te  

screening o f  the impur i ty  at large distances and 

so it  preserves the neu t ra l i ty  o f  a sample. 

N o w  we calculate the  lat t ice parameter  change 

o f  pure Ag and some A g - I n  alloys due to  the 

quenched- in  vacancies. 

(1) Pure silver: Z = Z A g  = 1, Z ' = Z v  = 0, that  

is, we take the vacancy as the " i m p u r i t y "  o f  zero 

charge, so ~ Z  -= Z v - -  ZAg = - -  1. We take l = O, 

that  is, on ly  s-electrons f rom the top  o f  the Fermi  

dis t r ibut ion are supposed to  be  captured  by the  

per turbing potent ia l  at the place o f  vacancy,  

making a vir tual ly  b o u n d  state [39]: 

_2 E 2 ( 2 l +  1)~h(kF) = - - r / o ( k F )  = - -  1, 
/1" l 71" 

so; 
/r  

i70 - -  
2 

The wave-number ,  kF ,  we calculate in the " f ree  

e lec t ron a p p r o x i m a t i o n "  [43]: 

[ n ~2J3 

no - - ZAg = 1 
a 

3 

~'~0 ~ - - ' - - ' ~  
4 

aAo g = 0.4086 n m =  4.086 X 10 -s cm, 
SO 

g2o = 0.0171 n m  a = 17.1 x 10 - ~  cm 3 
and 

EF ag = 3 6 . 1 ( 1 / 1 7 . 1 )  2/3 = 5 . 4 4 e V  

([43],  p. 54: E Ag = 5.52 eV). N o w  

A g  k~g = 2Z x/(meE r ) 
h 

and h = 6.63 x 10 -34 J s e c ,  m e = 9.11 x 10 -31 kg, 

E a g  = 5 . 4 4 e V  = 8 .7584 x 1 0  - 1 9  J,  so k~  g = 1.2 x 

10 l~ m -1 = 1.2 x 108 cm -~ . 

ro' - -  2ro Ag = 2aoAgx/2/4 = 2.89 x 10 -s cm is the 

approx imate  distance hos t  a t o m - v a c a n c y .  

2krr'o = 6.924 rad sin 2krr'o = 0 .5979 

cos 2krr~ = 0.8016 

l = 0 (s-electrons),  a sin q~ = 2 sin2~?o = 1 

a c o s r  = 2 s i n r / o c o s r / o  = 0 

• ------- 10-12 cm2 din -1, n = 12, Z=ZAg = 1, 

e = 4.83 X 10 -1~ e.s.u. (1.61 X 10 -19 C) 

X A g  ~ H ~ g A g "  e2 
18~2ozrkvAg" r~ 2 - A 1 --- 0.03, 

and 

(a--~-~) = Al(a cos r sm ro " 2k~rg ' 
A g  

+ a sin r  cos 2kgrgro) = 0.023.  

Tha t  is (zha/acv)Ag = 0.023 > 0, i.e. lat t ice expan- 

sion due to quenched- in  vacancies. 

(2)  A g - 1 . 2 7 ( C a ) I n  , Z = 1.27, Z '  = Z v = 0, Z = 

- -  1.27, % = - -  0 .635n = - -  114.3 ~ 

a sin r = 2 sin2r/o = 1.6613 

a c o s r  = 2 s in~o" cosr~o = 0.7501 

EF = 36 .1 (1 .27 /17 .1 )  2/a = 6 . 3 8 e V  

kF = 1 . 2 x 1 0 8 c m  -1 2kFro ---= 7 . 5 1 4 r a d  

A 1 . 2 7  = 0.034 and (~kcl/aCv)l.27 = 0 . 0 4 3 > 0 .  

(3) A g - l . 3 7 ( e a ) I n  , Z = 1.37, Z '  = Z v = 0, Z = 
- -  1.37, % = - -  1.37 x rr/2 = - -  123.3 ~ 

a sin r = 2 sin2~/o = 1.3971 

acos4~  = 2 s in r~oCOS% = 0.9178 

EF = 36 .1 (1 .37 /17 .1 )  2/3 = 6.71 eV, 

k r  = 1.33 X 10 s c m  -1 

2kFr'o = 7.685 rad, " ' sm 2krr o = 0.9858 

cos 2kFr o = 0 .1682 

A 1 . 3 7  = 0.036 and ( Aa /aC v ) l . 37  = 0 . 0 4 1 > 0  

(4) A g - l . 4 ( e a ) I n  , Z = 1.4, Z ' = Z v  = 0; Z = 

- -  1.4, r/o = -  1.4rr/2 = -  126 ~ 

a sin ~ = 2 sinZr/o = 1.309 

a c o s r  = 2s inr?o  cos~7o = 0.9511 

E r  = 36 .1 (1 .4 /17 .1 )  2 / 3 =  6 .8eV,  

kF = 1 . 3 4 X 1 0  s e r e  -1 

2kFr'o = 7.7363 rad sin 2krr o = 0.9931 

cos 2krro = 0 .1174 

AI .  4 = 0.036 and (Aa/acv)l. 4 -= 0 . 0 4 > 0 .  
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